The structural and optical properties of axial GaN/InGaN/GaN nanowire heterostructures with high InN molar fractions grown by molecular beam epitaxy have been studied at the nanoscale by a combination of electron microscopy, extended x-ray absorption fine structure and nanocathodoluminescence techniques. InN molar fractions up to 50% have been successfully incorporated without extended defects, as evidence of nanowire potentialities for practical device realisation in such a composition range. Taking advantage of the N-polarity of the self-nucleated GaN NWs grown by molecular beam epitaxy on Si(111), the N-polar InGaN stability temperature diagram has been experimentally determined and found to extend to a higher temperature than its metal-polar counterpart. Furthermore, annealing of GaN-capped InGaN NWs up to 800°C has been found to result in a 20 times increase of photoluminescence intensity, which is assigned to point defect curing.
Introduction
While GaN-based blue light emitting diodes (LEDs) associated with phosphors are progressively becoming a key component of solid state lightning applications, there is still room for improvement while approaching the so-called green gap [1] and longer wavelength emission range. The strategy to address the dramatic efficiency decrease associated with increasing strain relaxation defects and quantum confined Stark effect (QCSE) when increasing In content in quantum wells (QWs) has included the use of ternary InGaN substrates [1] , ultra-thin In-rich QWs [2] , graded In-composition QWs [3] , InN/GaN superlattices with a monolayer period [4] and related asymmetric heterostructures for precise band gap engineering [5] . Alternatively, InGaN nanowires (NWs) appear to be an attractive solution for long wavelength emission. Indeed, the large aspect ratio (length/diameter) of NWs, which facilitates elastic strain relaxation [6] , allows one to incorporate more In while limiting extended defect formation and QCSE, as experimentally put in evidence through the practical realisation of green to amber NW-based LEDs [7] [8] [9] [10] [11] [12] [13] .
Most reported devices consist of axial heterostructures grown by molecular beam epitaxy (MBE), with an InGaN NW section (the active region) sandwiched between n-type and p-type GaN NW sections. The practical realisation of such heterostructures raises the issue of the elastic strain relaxation mechanism involved when growing an InGaN NW section with a high InN molar fraction on top of a GaN NW. Depending on the targeted In content, it has been previously reported that strain relaxation may occur either plastically (with misfit dislocations formed at the InGaN/GaN NW interface) or elastically (through InGaN three-dimensional (3D) islanding) [14, 15] .
In the elastic case, it has been found that strain relaxation was driven by a significant lattice pulling effect, resulting in an In concentration gradient along the growth axis of the InGaN section [15] . As a consequence, tuning In content in InGaN/GaN NW heterostructures implies controlling the strain relaxation mechanism. It is the goal of this work to address this issue in detail and finally demonstrate that a proper control of growth conditions, namely the metal/N flux ratio, allows one to take advantage of a self-controlled elastic strain relaxation process to design an InGaN NW active region with an InN molar fraction as high as 50%. Such a result opens the route to the realisation of green NW-based LEDs, with a potential extension towards longer wavelength.
Samples
Samples have been grown by plasma assisted molecular beam epitaxy on two inches Si (111) wafers, which were degreased in a standard way and then dipped in HF for removing native oxide before introduction in the growth chamber. The wafers were mounted In-free. The annealing was performed till the observation of the 7×7 reconstruction, indicative of a clean surface.
Before each experiment, the growth temperature was calibrated in a reproducible way by exposing the bare Si surface to Ga flux and measuring Ga desorption time by reflection high energy electron diffraction (RHEED) [16] . Then a thin AlN buffer layer (3-5 nm) was deposited in order to improve NW twist [17] and tilt [18] with respect to each other, while resulting in a homogeneous NW density all over the wafer surface.
The base of the GaN/InGaN/GaN NW heterostructures under study in the present work consists of 700 nm high GaN NWs grown at 850°C, with a nominal Ga/N ratio value of 1/ 3. Then, the temperature was lowered in the 530-690°C range for the growth of the InGaN section. In general, the In composition was found to be significantly different from the expected In/(In+Ga) flux value. This comes from the fact that the effective metal flux on top of the growing NWs, which takes into account the material impinging on the side facets and diffusing towards the NW top surface, is significantly richer in In than expected from the nominal flux values due to the easy diffusion of In along the NW side walls with respect to Ga. As summarised in the nominal In composition versus growth temperature diagram shown in figure 1 , a series of samples were grown at various temperatures between 530 and 690°C, for four different nominal In content ranging from 20 to 80%. Importantly, the Ga flux was maintained constant for all samples. The nominal length of the InGaN section was about 120−180 nm, depending on nominal In flux.
Results and discussion
As put in evidence by scanning electron microscopy (SEM) dark field images of the InGaN/GaN NW heterostructure series grown at 570°C (see figure 1) , a drastic diameter enlargement of the InGaN NW section grown on the GaN base is observed, more and more pronounced for increasing nominal In content.
The scanning transmission electron microscopy (STEM) images of single NWs grown at 570°C and a nominal In content of 28% are shown in figures 2(a) and (b), revealing the inner structure of the enlarged 'pinhead'. First, it appears that the outer part of the pinhead is forming a shell with a contrast similar to that of the GaN base, suggesting that it consists of either pure GaN or a Ga-rich InGaN alloy. By contrast, the bright core suggests that it is significantly richer in In than the shell. Second, the detailed inner morphology of the core reveals that it has nucleated in the center of the GaN base before a further enlargement, as shown more clearly in figure 2(b) . This set of experimental features is consistent with previous theoretical work predicting that the nucleation of InGaN at the top of a GaN NW preferentially occurs in the center, in order to minimise the elastic energy accumulation coming from the in-plane lattice mismatch between InGaN and GaN [19] .
Experimental data are also consistent with the spontaneous formation of a core-shell structure where In is more favorably incorporated in the In-rich core whereas Ga is preferentially incorporated in the Ga-rich shell [15] . However, different from data reported by Tourbot et al in [15] , the diameter enlargement of the InGaN section deposited on the GaN base is assigned to specific growth conditions, namely to an effective metal flux (sum of In+Ga fluxes directly impinging on top of NWs and metal fluxes diffusing along the side walls to the top) larger than the N flux. Indeed, it has been established by Fernandez-Garrido and co-workers that in the steady state regime, the diameter of GaN NWs is selfregulated to maintain a metal/N flux ratio close to stoichiometry on the upper growth front [20] . In this self-regulated regime, imposing an abrupt increase of the Ga flux has been shown to result in a widening of the GaN NWs till it reaches a new equilibrium state [20] . In the present case, such a view is consistent with the diameter enlargement of the InGaN long section samples assigned to an abrupt increase of the (In+Ga) effective flux, which then turns to be higher than the Ga flux used for the growth of the GaN NW base. The recovery of vertical walls in the upper part of the InGaN section therefore points towards a recovery of the near-stoichiometry conditions. Consequently, it furthermore demonstrates that InGaN growth is indeed N-limited for the particular series of samples grown at 570°C, which are shown in figure 1 . In addition, as the Ga flux was maintained constant for all samples, it is worth remarking that the effective metal flux variations for different samples only depend on In flux.
Furthermore, as a diameter enlargement of the InGaN section is observed for all samples, it means that at 570°C the samples for 20%, 28%, 36% and 80% of nominal In content are actually grown with an increasing excess of non-incorporated In, suggesting that the effective InGaN composition only depends on the available Ga amount. However, such a conclusion would imply that the Ga incorporation rate as well as Ga diffusion along the NW sides and possible Ga desorption do not depend on the In flux excess, which is a speculative statement at this stage due to the lack of data on diffusion length of Ga and In adatoms along the NW side walls as well as their possible interdependence.
The chemical composition of single InGaN NWs grown at 570°C for a nominal composition of 28% has been measured by energy dispersive x-ray spectroscopy (EDX) using a 4-quadrants Brücker detector implemented in a FEI-Osiris transmission electron microscope operated at 200 kV. The results for typical InGaN NWs grown at 570°C using a nominal In/(In+Ga) flux ratio of 28% are shown in figure 3 , along with a high angle annular dark field (HAADF) STEM (scanning transmission electron microscopy) image where the bright contrast appears to be correlated with the presence of stacking faults. In spite of the experimental bias introduced by the presence of the Ga-rich shell, which leads to an underestimation of In content, the InN molar fraction is found to be around 50%, significantly higher than the 28% nominal In flux value, as a clue that the additional In flux diffusing from the walls towards the NW top is larger than the Ga one. Interestingly, it is observed in figure 4 that some NWs do not exhibit the characteristic InGaN enlarged section on top of them. This feature is related to the polarity of the GaN NW base, which has been recently investigated in detail [21, 22] , putting in evidence that most GaN NWs grown on Si (111) covered with a thin AlN buffer layer are N-polar while some of them (up to 20%) consist of a Ga-polar core surrounded by a N-polar shell [21, 22] . As shown in figure 4, ABF (annular bright field) STEM experiments performed on several single NWs have revealed that GaN NWs with an InGaN cap are fully N-polar, whereas GaN NWs deprived of InGaN caps exhibit a double polarity structure, namely a Ga-polar core surrounded by a N-polar shell. As 3D InGaN islands are expected to nucleate in the center of the GaN base [19] , consistent with results shown in figure 2 , the presence of the Ga-polar core should imply the nucleation of the InGaN island with metal polarity on the Ga-polar core. However it has to be remembered that In incorporation in GaN is strongly dependent on the polarity: for a given temperature, more Indium can be incorporated on the N-polar side and for a given InN molar fraction, N-polar InGaN is stable up to a higher temperature than its metal-polar counterpart [23, 24] . Results in figure 4 indeed demonstrate that the growth temperature was high enough in this case to prevent InGaN from nucleating on Ga-polar GaN while making possible the nucleation of InGaN with a significant In content on N-polar GaN.
In the case of spontaneously formed InGaN/GaN coreshell structures grown in effective metal/N flux ratio smaller than 1, with no diameter enlargement during growth, previous x-ray absorption fine structure (XAFS) experiments reported in [25] have established that In distribution in the second nearest neighbours was anisotropic, pointing to a deviation from randomness in In distribution, which has been associated with a tendency of In to condensate in the plane perpendicular to the growth direction, which is under tensile strain induced by the presence of the GaN shell [25] . As concerns 'pinhead' InGaN sections under scrutiny in the present work, the question then arises as to whether the GaN shell has a similar effect on the InGaN core. To clarify the issue of the local atomic short range order in 'pinhead' InGaN sections, XAFS experiments have been performed on the GILDA (BM08) beamline at the European Synchrotron Radiation Facility (ESRF Grenoble, France) [26] .
XAFS spectra were recorded at the In K-edge of 27940 eV with an energy-resolved fluorescence detector (12 element hyperpure Ge array). The monochromator was equipped with a Si (311) crystal pair with the second one sagittally bent and run in dynamic focusing mode [27] . The harmonic rejection was carried out by using a pair of Pdcoated mirrors thus leading to a fully horizontally polarised x-ray beam. Data were recorded at less than 0.7°grazing incidence both horizontally and vertically thus corresponding to in-plane and perpendicular polarisation, respectively. The fully focused beam size was typically 200×200 μm 2 and slits were adjusted to match the footprint to the length of our 25×8 mm 2 samples. Samples were placed under a moderate vacuum (10 −5 mbar) and cooled down to 100-110 K using a copper braid connected to the 80 K regulated cold finger of a cryostat.
Base line extraction on experimental spectra leading to extended x-ray absorption fine structure (EXAFS) oscillations was achieved using the ATHENA program [28] . EXAFS oscillations could be extracted until 15 Å −1 due to the good signal-to-noise ratio. The EXAFS analysis was conducted using the FEFF and FEFFIT package programs [29] . For both perpendicular and in-plane polarisations, the absorption edge was measured at 27 948±0.5 eV for either NW samples or a MBE-grown 2D reference InN sample, thus indicating that In is in the 3 + charge state. The reason we measured EXAFS with both perpendicular and parallel polarisations was to take advantage of EXAFS direction sensitivity since the EXAFS signal of a backscattering atom, labelled i, is weighted by a factor 3cos 2 (θ i ), where θ i is the angle between the incoming electric field and the direction of atom number i relative to the absorber [25] . For both the GaN NW base and the InGaN section grown on top of it, the c axis is parallel to the growth axis. In wurtzite symmetry, the first shell around any absorbing In atom, is made of four N atoms almost forming a tetrahedron: the signal from the first shell does not depend on polarisation. The second shell consists of 12 Ga/In atoms, 6 forming an in-plane hexagon plus 3 above and 3 below, forming isosceles triangles. When polarisation is perpendicular to the growth plane, the 6 in-plane atoms are completely invisible while on the contrary the 6 out-of-plane atoms are fully visible, each atom being weighted by a factor of 2, thus amounting to a total weight of 12. By contrast, when the polarisation is parallel, in-plane atoms are highly visible with an averaged 1.5 weighting factor, while out-ofplane atoms are poorly visible with an averaged 0.5 weighting factor: in-plane atoms are three times more visible than outof-plane atoms. If In incorporation was isotropic or the c-axis was randomly orientated, there would be no difference for the second shell signal between both polarisations (neglecting a distance change from 3.51 to 3.54 Å between in-plane and out-of-plane atoms in In-N). However, large differences between polarisations have been observed in the present case, as illustrated in figure 5 . Fourier transform (FT) of the EXAFS signal (upper graph) shows that only the second shell contribution exhibits anisotropy with a large change in intensity and shape with a high-R part (above 3 Å) that is much larger for in-plane than for perpendicular polarisation. Comparison with a reference 2D layer of InN shows that this high-R part of the second shell corresponds to In as a backscatterer. Now taking the Fourier back-transform (FBT) of the second shell only (lower graph), anisotropy is even more visible with a clear oscillation rhythm change around 5.5 Å associated with an in-plane maximum intensity at higher k value than for perpendicular polarisation as an evidence that on average, the second shell backscatterers are heavier inplane than out-of-plane. Consistently, both FT and FBT show that there is clearly much more In in-plane than out-of-plane, confirming that the InGaN alloy is indeed anisotropic [25] . As a result of the core-shell structure of the InGaN NW section, the InGaN core is expected to be compressively strained along the c-axis by the GaN shell, resulting in an in-plane tensile strain of the InGaN core. Hence, in agreement with results reported in [25] , the anisotropy in the In distribution with respect to the random situation is consistent with a tendency to In condensation along the tensile strain direction, i.e. perpendicular to the c-axis. Taking advantage of the good resolution resulting from measurements at low temperature, a quantitative analysis of data in figure 5 could be achieved, putting in evidence an excess of about 25% of in-plane In atoms with respect to out-of-plane ones.
However, an alternative scenario to account for the anisotropy in the In second neighbour positions is provided by the HAADF-STEM images shown in figure 6 . As a matter of fact, these pictures, which refer to an InGaN sample with a 28% nominal In content, reveal an ordering along the c-direction. As shown in figure 6 , the contrast of c/2 atomic planes is not constant, one c/2 atomic plane out of two being brighter, leading to a double period along the c-direction. In high resolution transmission electron microscopy (HR-TEM), such a contrast can appear even in a homogeneous GaN crystal, when it is slightly off zone axis orientation. However, in the present study such an image artefact can be ruled out, firstly because HAADF-STEM images are less sensitive to crystal orientation. Secondly, in STEM mode local electron diffraction can be easily performed and it has been checked that in the observed regions the crystal was indeed well oriented. Such a spontaneous superlattice formation has been already observed in the case of 2D layers [30] and assigned to the presence on the growing c-plane of microfacets presenting two different metal adsorption sites, one of them being favorably occupied by In and the other one by Ga [31] . Interestingly, the spontaneous ordering shown in figure 6 can be viewed, from an In atom point of view, as leading to a 100% excess of In second neighbours in-plane, with respect to out of plane. As only a fraction of the InGaN NW section exhibits spontaneous order, EXAFS data could then be interpreted as resulting from the sum of two contributions assigned to ordered and non-ordered InGaN, respectively, so that a 25% In excess in plane is eventually observed. At this stage, the mechanism driving spontaneous ordering in InGaN NWs is far from being clear but could be tentatively related to the nucleation of 3D InGaN islands on top of the GaN base, providing the faceted structure invoked by Northrup et al to account for selective incorporation of In and Ga on two different sites [31] . Also, it is likely that the fraction of spontaneously ordered material depends on the final InN molar fraction, making it larger around a 50% InN molar fraction. As a whole, the discrimination between an in-plane In accumulation correlated to tensile strain or to preferential incorporation of In on peculiar sites is not possible at this stage and it is likely that both mechanisms are active, depending on the InN molar fraction in InGaN and on the local InGaN/GaN core/shell structure.
In the next stage, optical properties of InGaN NWs were studied by photoluminescence (PL) spectroscopy experiments on as-grown ensembles in a cold finger cryostat operating at 7 K. The samples were photo-excited with a frequency- doubled continuous wave solid-state laser (244 nm), the excitation power density being controlled from 0.8 to 40 W cm −2 . Results for a nominal In flux of 28% are reported in figure 7(a), for growth temperature ranging from 530 to 690°C. Remarkably, the PL spectra extend on a wide wavelength range, up to 550-850 nm for a growth temperature of 530°C. Then, the width of the PL spectra is progressively reduced for increasing temperature. However, this width reduction only affects the long wavelength side of the spectra, while the low wavelength side around 550 nm stays practically unaffected. As will be extensively discussed later, the presence of GaN-related band edge emission only and the abrupt disappearance of the InGaN-related emission line for a growth temperature of 690°C is assigned to InGaN alloy instability at such a high growth temperature whatever the targeted composition.
The wide emission range observed in the case of lowest growth temperatures suggests a wide range of chemical composition fluctuations in the ensemble of InGaN NWs, which can be assigned either to composition variability from NW to NW or to composition fluctuations intrinsic to single NWs, associated with a strong spatial localisation of photogenerated carriers or to both causes. The presence of composition fluctuations has long been identified in 2D layers and has been correlated in particular to steps [32] or dislocations [33] , all kinds of defects noticeably absent in NWs. Despite the absence of such extended defects in NWs, the carrier localisation inferred from PL data has been confirmed at the scale of single NWs by nano-cathodoluminescence (nano-CL) experiments performed at a temperature of about 150 K on a Vacuum Generators STEM at 60 keV fitted with a homemade high-throughput CL system [34] . The probe size was around 1 nm. As shown in figures 7(b) and (c) for a representative single NW grown at 570°C using a nominal In /(In +Ga) flux ratio of 28%, a systematical increase of emission energy from the bottom part to the top has been put in evidence, shifting about 100 meV in a spatial range of about 50 nm. Such an emission energy shift corresponds to an In composition change of about 3%, consistent with EDX experiments (with a spatial resolution of about 1 nm also), which have put in evidence an In gradient in the bottom part and a rather homogeneous In composition in the upper part of the InGaN pinheads. From the contrast seen in figure 7(d) , it is furthermore suggested that excited carriers have a very short diffusion length, pointing towards a very small carrier localisation spatial scale, typically smaller than a few nm. In summary, these nano-CL experiments are evidence of significant composition fluctuations at the scale of single NWs. These fluctuations are superimposed to a marked variability from NW to NW resulting from NW density fluctuations visible in figure 1 and to fluctuations in the shadow effect controlling the final amount of In reaching the walls and diffusing towards the NW top.
Interestingly, the intensity mapping in figure 7 (e) shows that emission from the pinhead periphery is very weak. This is assigned to the presence of the GaN shell on the side walls. However, in the absence of GaN capping on top of the NWs, the reduced emission intensity in the top furthermore suggests that surface-related non radiative recombination is dominant in the peripherical region.
As mentioned above and viewed in figure 7(a) , the loss of the InGaN-related PL peak between 670 and 690°C points towards an abrupt drop in the In incorporation rate, furthermore suggesting that no In can be incorporated at 690°C. Indeed, besides the In/Ga flux ratio value, the growth temperature has long been identified as a critical parameter governing the In content of 2D InGaN layers [35] . In the present case where growth is performed in metal-rich conditions, as put in evidence by the widening of the growing InGaN section with respect to the GaN NW base, it is furthermore expected that the final composition of the InGaN section will only depend on growth temperature as far as In excess conditions are ensured. Then, with the purpose of experimentally determining the maximum In content achievable in the InGaN NW section as a function of temperature a series of samples has been grown according to the following procedure:
(i) A GaN NW base was first grown at 860°C.
(ii) Next, to determine the InN maximum growth temperature a pure InN NW section was grown. Growth was in situ monitored by RHEED: starting from 570°C, the growth temperature was progressively decreased till observing the coexistence of GaN and InN spots in the RHEED pattern at 530°C and below (see the insets in figure 8 ), providing a maximum growth temperature of 530°C for N-polar InN NW section. (iii) The same experimental procedure was used for InGaN: four samples were grown at temperatures of 570, 610, 650 and 690°C, respectively. For each temperature, growth was performed by first exposing the GaN NW pseudo-substrate to an In flux larger than N flux. Because of the thermodynamical instability of InN above 530°C, no change was observed in the RHEED pattern. Next, starting from a value as low as 0.005 ML s −1 , the Ga flux was progressively increased while maintaining constant the In flux till the appearance of InGaN-related spots superimposed to GaN ones in the RHEED pattern (see lower left inset in figure 8 ). Then, a section of InGaN was grown, typically 30 nm long. To further relate the growth temperature and the In composition of the InGaN section, the InN molar fraction was ex situ determined for several single NWs of each sample by EDX experiments. No change in the RHEED pattern was observed for the sample grown at 690°C and no In was found in it, consistent with PL data shown in figure 7 and meaning that whatever the In composition targeted, no InGaN can be grown at this temperature. For a lower temperature the EDX data (triangles in figure 8 ) have provided the maximum In content in InGaN achievable for a given growth temperature, allowing one to experimentally determine (full line in figure 8 ) the InGaN stability frontier in the In composition/temperature space. Remarkably, it is found that In can be incorporated up to a growth temperature comprised between 670 and 690°C, i.e. about 50°C higher than the maximum temperature found in metal-polar 2D layers [30] . This result further confirms that In is more easily incorporated on the N-polar side, consistent with previous studies [23, 24] and as a marked advantage of N-polar NWs with respect to their metal-polar counterparts as concerns the practical realisation of devices with a large InN molar fraction in the active region. Also shown in figure 8 , the In content in the top part of the InGaN NW series corresponding to a 28% nominal In flux has been determined by EDX and plotted as a function of growth temperature. Interestingly, although lying in the stability region of the diagram, the data reveal a progressive decrease of the In content as a function of temperature till 670°C, which corresponds to the crossing of the stability line for this In composition range. Such a progressive decrease in In content is tentatively assigned to the increase of In desorption for increasing temperature, either from the top surface or from the NW side walls, leading to a progressive decrease in the effective In flux diffusing towards the top and contributing to the growth.
Despite the high structural quality of InGaN NWs grown by MBE and the capacity to incorporate higher In content than in MOCVD the realisation of highly efficient devices is still to be demonstrated. This has been assigned to the relatively low growth temperature in MBE, namely to the highly out-of-thermodynamical equilibrium character of this technique and consequently to the high density of point defects which is expected in MBE-grown material. Indeed it has been demonstrated by Kaufmann and coworkers that annealing InGaN QWs at a temperature more than 300°C higher than growth temperature resulted in a marked increase of PL intensity at room temperature, which has been assigned to point defect curing [36] .
In order to investigate the effect of thermal annealing on the optical properties of InGaN NWs, a dedicated series of samples were grown according to the conditions described above at 570, 610 and 650°C and further capped at the same growth temperature with a thin GaN section, about 10 nm thick. Next, the samples have been annealed at various temperatures, up to 950°C under nitrogen atmosphere. The results are shown in figure 9 for the series grown at 570°C, putting in evidence an increase of PL intensity at 7 K by about 20 times, for an annealing temperature of 800°C. A similar PL intensity increase was observed for samples grown at 610 and 650°C, making it a general feature assigned to a decrease of non-radiative effects upon annealing. Further annealing up to 950°C led to a decrease of PL intensity, a behaviour attributed to the damage of the InGaN section eventually resulting in sample destruction (see inset in figure 9 where the damaged GaN cap is visible for annealing at 950°C). Interestingly, data in figure 9 reveal that annealing is more effective in the 700-800 nm range, suggesting that nonradiative recombination associated with point defects is strongly wavelength dependent. However, no PL shift of annealed InGaN beyond the maximum luminescence wavelength of as-received material has been observed, as a clue that annealing is not producing further In clustering, consistent with the findings of Kaufmann et al [42] .
The set of optical measurements reported above provides an experimental evidence of carrier localisation in the InGaN NWs under scrutiny, in relation with the long lasting academic debate on the origin of localisation in a InGaN alloy. Among the various mechanisms proposed in the literature, a hole localisation process has been proposed by Chichibu et al [37] , associated with atomic condensates of In-N. Such a mechanism could be associated with a deviation from a InGaN alloy randomness and to the hypothetical formation of In-N-In chains or InN clusters of a few In atoms. Actually two experimental observations at the atomic scale consistent with a kind of weak phase separation or In aggregation have been reported for 2D layers [38] [39] [40] . As theoretically discussed by Zunger et al, In clustering is expected to occur when dislocations and/or grain boundaries are present (incoherent alloy) [41, 42] . However, in the absence of extended defects (the case of a coherent alloy), the elastic strain could cause In and Ga ordering. The case of NWs grown by MBE is especially relevant in this context, because of the relative absence of extended defects, emphasising the possible effect of strain to account for a hypothetical clustering. Along these lines the EXAFS experiments discussed above provide experimental evidence of a departure from random atomic distribution at the local scale in InGaN alloys. This points to a tentative candidate for carrier localisation, namely the local, strain driven, short scale composition fluctuations related to strain induced by the GaN shell in the InGaN core. As a matter of fact, such a local departure from the random alloy case has been observed in InGaN/GaN core-shell InGaN/GaN NW heterostructures grown in N-rich conditions [25] . In the present case of the InGaN section grown in metal-rich conditions, EDX experiments have revealed a relatively homogeneous In content at the scale of the InGaN section. However, consistent with EXAFS results, it is possible that such relatively homogeneous In content in the pinhead InGaN core can be furthermore modulated at the very local scale by the compressive strain induced by the GaN shell. It is worth stressing that because of the limited resolution of the EDX technique, the homogeneous In content in the InGaN pin-head deduced from EDX data is not contradictory with the presence of a spontaneously ordered InGaN alloy as shown in figure 6 . Indeed, as an alternative option, such spontaneous InGaN alloy ordering could equally account for the carrier localisation phenomena associated with local In segregation. Both mechanisms, namely the strain induced In accumulation and the spontaneous InGaN alloy ordering support carrier localisation in a wide range of chemical compositions, consistent with the wide wavelength extension of PL spectra shown in figure 7(a) . As any kind of GaN/InGaN/GaN heterostructures of practical interest for optical applications are indeed strained, the strain-related In accumulation could be general and could, among other alternative carrier localisation mechanisms such as spontaneous InGaN alloy ordering, account for the remarkable optical properties of InGaN, in spite of the large density of structural defects usually observed.
Conclusion
Results reported in the present work have addressed the issue of InGaN NWs sections grown on top of a GaN NW pseudo template, showing that their morphology is controlled by the effective metal/active nitrogen flux ratio. Practically, growth in metal-rich conditions has been shown to result in a rather homogeneous In composition in the InGaN section, at the scale of some nm. In spite of this homogeneity, the optical emission has been shown to span over a wide wavelength range even when a single nanowire is probed. We have shown that this results from very local (few lattice spacings) In concentration fluctuations and a very short carrier diffusion length. EXAFS experiments have furthermore revealed significant deviations from random alloying and a tendency of In to condensate in the growth plane of the InGaN section, as a clue that tensile strain-driven In accumulation could be a candidate accounting for carrier localisation in InGaN free of extended defects. Alternatively, HAADF-STEM experiments have revealed the possible formation of a spontaneously ordered InGaN alloy, which could also account for carrier localisation. More generally, the data reported in the present work point towards a carrier localisation mechanism in InGaN NWs, which can be assigned to either In segregation mechanisms identified by EXAFS and HAADF-STEM or to a combination of both. Finally, it has been shown that annealing can drastically improve the PL efficiency of InGaN NWs grown by MBE, which has been assigned to point defects curing, opening a route for the practical realisation of visible NW LEDs in the green/red wavelength range.
